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Hot torsion tests were performed to investigate the mechanical and microstructural responses 
of a quinary AI-20Si-7.5 Ni-3Cu-1 Mg (wt %) alloy, consolidated from a rapidly solidified 
powder, to deformation at varying temperatures and strain rates. It was found that, under most 
of the deformation conditions applied, stress-strain curves were characterized by distinct stress 
peaks, which are usually absent from the curves shown by conventional aluminium alloys. 
Temperature and strain rate strongly influenced the stress and ductility of the material. Their 
combined influence on the peak stress has been expressed with a hyperbolic sine equation. 
The material also exhibited an extraordinarily high strain rate sensitivity, m, and a large m 
value variation with temperature. A relatively high value of activation energy for deformation 
was determined, which clearly reflects additional thermal barriers to metal flow, arising from a 
high volume fraction of multi-phase particles dispersed in the material. Additionally, the 
microstructure developed in the course of deformation was examined, which showed evidence 
of the co-operation of dynamic recovery and recrystal!ization. The initiation of local dynamic 
recrystallization is a result of a low level of dynamic recovery achievable in the material, which 
is again different from conventional aluminium alloys. 

1. I n t r o d u c t i o n  
Since the middle 1980s, much effort has been made to 
replace ingot casting with diverse techniques of rapid 
solidification in fabricating hypereutectic A1-Si-based 
alloys. Some attempts have been successful in laborat- 
ory research and commercial application. At present, 
many of the alloys are fabricated by atomization as a 
convenient means of rapid solidification, followed by 
hot extrusion as an integrated process of consolida- 
tion and forming. They~are then subjected to a second- 
ary forming process gnch as forging to shape the 
extruded materials into the configurations suitable for 
the components in automotive engines and compres- 
sors [1]. Understanding the deformation behaviour 
and accompanying structural changes of the alloys 
produced through the powder metallurgy (P/M) route 
is, therefore, of great importance for determining an 
appropriate hot-working condition to be applied in 
fabrication. Very little attention has, however, been 
paid to developing the forming technology of these 
alloys, although a large number of hot-worked com- 
ponents are currently used in the automotive industry 
and multiplication of their production is potentially 
needed to extend the utilization of the alloys to other 
industries [2]. Only a few investigations [3-7] hhve, 

0 0 2 2 - 2 4 6 t  �9 1992 Chapman & Hall 

so far, been carried out on the characterization of the 
hot-working behaviour of these alloys; notwithstand- 
ing, these investigations unanimously show that the 
hot-working behaviour of the rapidly solidified P/M 
AI-Si-based alloys is quite different from that of 
conventional aluminium alloys, owing to the excep- 
tionally heavy alloying and the adoption of the 
specific fabrication techniques. Unfortunately, be- 
cause the testing techniques used have been restricted 
to uniaxial tension, compression and extrusion, each 
of which has some inherent shortcomings, the work- 
ability of the P/M A1-Si-based alloys has not been 
satisfactorily understood. 

A preceding investigation on an Al-20Si- 
7.5Ni-3Cu-lMg (wt %) alloy has been performed in 
an attempt to understand the extrusion behaviour of 
this technical alloy, initially in the form of an atomized 
powder [8]. It has, however, been recognized that in 
extrusion the effective flow stress of the material is not 
directly measurable and its dependence upon such 
basic process variables as temperature, reduction ratio 
and ram speed is hidden in extrusion pressure. More- 
over, strain rate, as a combined function of reduction 
ratio and ram speed, is very non-uniform across a 
transverse section in the deformation zone, although 
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mean values can be approximated with the help of 
plasticity theories. In such a case, a constitutive equa- 
tion describing the relationship between deformation 
conditions and the flow stress of the alloy is difficult to 
establish. Clearly, workability cannot be directly and 
reliably determined by extrusion alone. Performing 
simulative tests, as an indirect approach, is necessary 
to acquire such material properties as flow stress, 
strain rate sensitivity and activation energy for defor- 
mation, so as to correlate the stress of the material 
with deformation conditions. 

Hot torsion is one of the methods that can be Used 
for simulative tests to determine hot workability. In 
comparison with the other methods like compression 
and tension, it has the advantage of covering a wide 
range of strain rates, which can reach those used in 
practical forming processes such as extrusion and 
forging. Moreover, in hot torsion, a large strain before 
the onset of fracture or geometric instability is usually 
obtainable, which is essential for the tests on the 
present alloy being brittle in nature. Hot torsion tests 
were, therefore, chosen for a further investigation on 
the AI-20Si-7.5Ni-3Cu-IMg alloy. It aimed at deter- 
mining the hot-working characteristics of the material 
over a range of temperatures and strain rates, obtain- 
ing the materiat parameters for establishing a consti- 
tutive equation, and examining the microstructures 
developed during deformation. 

It should be pointed out that because the material 
subjected to hot torsion has already been consolidated 
from powder by hot extrusion, its deformation behavi- 
our exhibited in the simulative tests canno t  be ex- 
pected to be exactly the same as that in the extrusion 
of the powder (on which tests cannot possibly be 
performed). Hot torsion tests can, nevertheless, pro- 
vide basic information on its workability, which is 
currently not available because the material with a 
similar composition, produced by ingot casting, has 
an extremely low deformability. The information 
obtained is required to serve as an important guide to 
the secondary forming and also to the extrusion, 
though some adjustments may be necessary. It is also 
worth noting that, while the material in torsion tests 
has been consolidated, its mechanical behaviour and 
structural evolution will not be identical to that pro- 
duced by the conventionl fabrication techniques. This 
is because many structural features, originated from 
the rapidly solidified powder, are inherited by the 
consolidated material, such as fine grain sizes, fine 
dispersed-phase sizes and broken powder particle 
boundaries. The specific processing history of the 
material will inevitably be reflected in its mechanical 
and microstructural responses to torsional deforma- 
tion. A point made above is that the material in hot 
torsion is different from, but still related to that in 
powder extrusion. 

2. Experimental procedure 
2.1. Material  
The alloy, with a nominal composition (wt %) of 20 Si, 
7.5 Ni, 3 Cu, I Mg and balance aluminium, was sup, 
plied (by Showa Denko K. K., Japan) in the form of an 
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air-atomized powder with a mass median size of 
65 Ixm [9]. The powder was consolidated using hot 
extrusion at  a temperature of 375 ~ a reduction ratio 
of 20 : 1, and a ram speed of 5 mm s- 1. The extruded 
rods with a diameter of 11.2 mm were machined into 
cylindrical torsion specimens with their longitudinal 
axes parallel to the extrusion direction, and with a 
gauge length and diameter of 20 mm and 5 mm, re- 
spectively. The extruded material to be tested was 
subjected to thermal and X-ray diffraction analyses, 
which showed that an equilibrium state was nearly 
attained in the consolidated material. Therefore, the 
superimposition of additional structural changes in- 
duced by torsional deformation should be minimized. 

2.2. Tors ion tes ts  
The tests were carried out on a computer-controlled 
torsion machine, which has been described in detail 
elsewhere 1-10]. In the present experiments, the speci- 
mens were quickly heated in air by a high-frequency 
induction coil and consistently soaked for 5 rain at 
testing temperatures to allow temperature stabiliza- 
tion before torsional deformation. This scheme was 
proven to be applicable, because increasingly pro- 
longed soaking up to 480 rain did not yield noticeable 
differences in the deformation behaviour of the mater- 
ial. The temperature range used was between 350 and 
450 ~ which was considered to correspond well to 
that normally used in hot working of the material. 
Over this range, sufficient softening can be acquired 
for easy forming and also the necessary temperature 
margin below incipient melting at 520 ~ is allowed 
for deformational heating. The testing temperature 
was controlled by an infrared pyrometer. Before tes- 
ting, careful adjustment of the heating coil and calib- 
ration of the pyrometer were made to minimize tem- 
perature non-uniformity along the gauge length of the 
specimens and to ensure precise measurements of 
temperature. Three twist rates, ()--11, 110 and 
330rev min -1, were applied, which produced the 
strain rates, ~ = 0.083, 0.83 and 2.49 s -1 at the speci- 
men surface, equivalent to those in uniaxial com- 
pression or tension (for simplicity the equivalent strain 
rates at the specimen surface are termed as strain rates 
hereafter). During testing, a constant geometry of the 
specimens was maintained by constraining their 
elongation in the axial direction, and the developed 
axial force was measured, which consistently showed 
negligibly low values. 

In the present work, the tests were divided into two 
series to investigate the mechanical behaviour and 
microstructural development of the material during 
torsional deformation. In the first series, deformation 
was performed to fracture. The recorded torque M 
(Nm)-twist 0 (rev) curves were converted into stress 
o-strain e curves, equivalent to those in uniaxial 
compression or tension, using the following equations 
[113: 

cy = 31/2M(3 + m + N)(2rtr3) -1 (1) 

= 3 - 1 / 2 2 ~ t r 0 1 - 1  (2) 

where r and I are the gauge radius and gauge length of 



the specimens, respectively, and m and N are strain 
rate sensitivity and work-hardening rate, respectively, 
given by 

m = (~lnM/~ln~)~,r (3) 

N= (~lnM/~ln~)~,r (4) 

In the second series, the specimens were deformed at 
the temperature of 400 ~ and" strain rates of 0.083 and 
2.5 s-1. Deformation was interrupted at a number of 
desired strains and then the deformed specimens ,were 
immediately quenched (within 1 s) by a water sprayer 
to retain the as-worked microstructures developed in 
the material. 

2.3. M ic roscopy  
The microstructures of the material having undergone 
the second series of tests were examined using a 
Philips 400T transmission electron microscope (TEM) 
working at 120 kV. Slices were cut at 0.5 mm below 
the surface (normal to the radius) in the central region 
of the gauge section. They were finally thinned with an 
ion mill operating at a beam current of 0.5 mA. 

3. Results and discussion 
3.1. Stress-strain curves 
Fig. la and b show representative stress-strain curves 
which are converted, by using Equations 1 and 2, from 
the corresponding torque-twist curves obtained from 
the tests at different twist rates and temperatures. It 
was generally observed that, after having been work 
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Figure 1 A selection of the equivalent stress-strain curves obtained 
from torsion tests at (a) a temperature of 400 ~ and (b) a low strain 
rate of 0.083 s -  t. 

hardened at the initial stage of deformation, the 
material exhibited a distinct stress peak followed by 
considerable softening, particularly at low temper- 
atures and high strain rates. Only at the strain rate of 
0.083 s -1 and temperatures of 425-450 ~ was the 
characteristic stress peak flattened (Fig. l b). It was 
also noticed that the degree of softening beyond the 
stress peak depended on the temperature and strain 
rate applied, being higher at lower temperatures and 
higher strain rates. The alteration of dominance from 
work hardening to softening is the most notable char- 
acteristic of the curves obtained from the tests. This 
deformation behaviour is not often observable in tests 
on conventional aluminium alloys, which normally 
display a gradual increase and then a plateau in stress 
until fracture, as a consequence of the balance between 
work hardening and softening by dynamic recovery 
[12]. It has, however, been encountered in torsion 
tests on several aluminium alloys. Basically, a distinct 
stress peak is indicative of the occurrence of softening 
by dynamic recrystallization during deformation. 
However, this softening mechanism usually does not 
operate in aluminium alloys with high stacking fault 
energies, which enable dislocations to cross-slip and 
climb easily so that full dynamic recovery can occur. 
To explain the observed stress peak, a variety of terms, 
specific to individual alloys and their states in pro- 
cessing, has been utilized [13], though firm structural 
evidence to support the explanations is often difficult 
to obtain. The appearance of the stress peak in the 
tests on the present material may be ascribed to the 
following effects. 

(i) Dynamic recrystallization. The shape of the flow 
curves, exhibited by the present material, is not com- 
pletely the same as that shown by copper and nickel 
alloys which have lower stacking fault energies and 
restore predominantly by dynamic recrystallization. It 
is, however, almost identical to the shape observed in 
torsion tests on an A1-5Mg-0.8Mn alloy, which has 
been proved to restore by both dynamic recovery and 
dynamic recrystallization [14]. The occurrence of 
local dynamic recrystallization in the present material 
has been observed during extrusion [8], and also 
during torsional deformation, as will be shown later in 
conjunction with the as-deformed microstructures. 
This gives evidence that this effect bears the primary 
responsibility for the observed stress peaks. Because a 
widespread operation of the dynamic recrystallization 
mechanism did not occur in the material, the shape of 
the stress-strain curves appeared to be a little different 
from that shown by copper and nickel alloys, and to 
be sensitive to the strain rate and temperature applied. 
For example, the characteristic peaks disappeared at 
the low strain rate of 0.083 s- a and high temperatures 
of 425-450 ~ (see Fig. lb). Under these conditions, 
the stress-strain curves appeared to be typical of a 
material that restores only by dynamic recovery, work 
hardening followed by steady-state deformation. This 
may be because, for dynamic recrystallization to 
occur, high concentrations of stresses (high-density 
dislocations) are necessary for the nucleation of new 
crystals. At the high temperatures and low deforma- 
tion rate, dynamic recovery, mainly controlled by 
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diffusion, will decrease the internal stresses sufficiently 
to prevent the nucleation for recrystallization and thus 
dynamic recovery can be the only operating softening 
mechanism. At the lower temperatures and higher 
strain rates, however, the stress concentrations in the 
material can be built up to sufficient heights to cause 
nucleation of the recrystallization because of the rela- 
tively slow recovery under these conditions. At a given 
temperature and with the increase of strain rate, softe- 
ning by dynamic recrystallization becomes increas- 
ingly important, as indicated by the sharpening stress 
peaks in Fig. la. At the low temperatures of 
350-375 ~ and high strain rates, dynamic recrystal- 
lization may be assisted by Effect (ii). 

(ii) Temperature rise, resulting from deformational 
heating. This effect leads to thermal softening in the 
gauge section, particularly at high strain rates because 
the deformation under those conditions approaches 
an adiabatic process. As the peak stress of the present 
material was found to be strongly temperature 
dependent, which will be discussed later on, a small 
increase in temperature could measurably lower this 
stress. However, the temperature variation recorded in 
the entire course of deformation indicated that, when 
strain rates were not too high, the temperature rise 
was insignificant. Hence, this effect is unlikely to be 
fully responsible for the observed stress peaks shown 
under all testing conditions. This argument is sup- 
ported by the fact that, in the tests at the low strain 
rate of 0.083 s- 1 when deformational heating would 
be of minor importance, the stress'peaks were also 
observed at the testing temperatures of 350-400 ~ as 
shown in Fig. lb. This suggests that other effects, e.g. 
Effect (iii), might also be involved. 

(iii) Structural changes occurring during deforma- 
tion, such as precipitation, transformation and 
second-phase coarsening. X-ray diffractometry re- 
vealed little change in the a!uminium matrix lattice 
parameter and phase constituents of the material dur- 
ing the tests, indicating that significant strain-induced 
precipitation or transformation did not occur. Even if 
there was some undetectable precipitation, it would be 
very unlikely to have such a marked impact on the 
flow behaviour of the material, because a loss in 
solutes would be balanced by an increase in pre- 
cipitate density [15]. Coarsening of second-phase 
particles is, however, a possibility, which has been 
considered to be responsible for the stress peak exhib- 
ited by a 2024 alloy in torsion [-16, 17]. Among the 
constituent phases dispersed in the aluminium matrix 
of the present material, the~ MgzSi phase has a tend- 
ency to coalescence, while the others (silicon crystals, 
A13Ni, A13(NiCu)2, and A17Cu4Ni) have shown to be 
thermally stable at the testing temperatures [8, 18]. 
Hence, the coarsening of the MgzSi phase might be 
relevant to the observed peak, but this could not 
microscopically be ascertained in the current work, 
Moreover, the coarsening, which should be enhanced 
at a high testing temperaLure and permitted at'a low 
strain rate, cannot fully account for the flattening of 
the stress peak at the strain rate of 0.083 s -1 and 
temperatures of 425-450 ~ 

On the basis of the above considerations, it is plaus- 
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ible to infer that these three effects worked together to 
result in softening beyond the stress peak, as shown in 
Fig. 1. Among these effects, dynamic recrystallization 
is likely to be the principal contributor. 

Another important characteristic of the 
stress-strain curves was the very slight variation of the 
strain to the stress peak with temperature and strain 
rate. This is in contrast with the usual observation that 
the strain to the stress peak decreases progressively 
with rising temperature and decreasing strain rate 
[14]. If the observed stress peak is attributed mainly 
to the occurrence of dynamic recrystallization in the 
material, this strain should be representative of a 
critical value for the onset of this softening mech- 
anism, which is thermally activated and strain and 
strain-rate controlled. In this sense, it should appear at 
a lower strain when temperature is higher and strain 
rate lower. The presently observed low sensitivity of 
this strain to temperature may be due to the existence 
of two additional factors in the material, as discussed 
earlier, that, with the decrease of temperature, dy- 
namic recrystallization and deformational heating be- 
come increasingly important. These two factors will 
affect the usual variation of the strain to the peak with 
temperature. Temperature rise converted from strain 
energy is likely to be responsible for the slight varia- 
tion of this strain with strain rate. At a high strain rate, 
deformational heating would promote the onset of 
dynamic recrystallization. Such a disturbing effect of 
temperature rise on the strain to the stress peak at a 
high strain rate has also been observed in torsion tests 
on Cu-P alloys [19]. This result thus seems to confirm 
the involvement of temperature rise in torsional defor- 
mation, which has been considered to be partly re- 
sponsible for the softening at high strain rates, as 
discussed earlier. 

The ductility of the material was found to be very 
low in comparison with that of conventional alumi- 
nium alloys. At low temperatures and high strain 
rates, a steady state of deformation could not be 
attained before failure, as shown in Fig. la. Extensive 
steady-state metal flow was only possible at relatively 
low strain rates (Fig. lb), indicating a decisive effect of 
strain rate on the achievable ductility. Fig. 2 shows the 
variation of the strain to fracture, ~f, with temperature 
and strain rate, which has the same trend as that 
exhibited by other aluminium alloys. The increase of 
~f at a higher temperature and a lower strain rate is 
primarily due to reduced stress concentrations at 
triple points and at second-phase particles where the 
initiation and propagation of micro-cracks take place. 
Such a trend has been regarded as an indication that 
dynamic recovery is a principal restoration mech- 
anism in aluminium alloys, because for the dynam- 
ically recrystallized materials the variation of ~f with 
strain rate has an opposite trend that ~f increases with 
rising strain rate [20]. In this sense, the present results 
would suggest that dynamic recrystallization is not the 
major restoration mode in the alloy, but a mechanism 
supplementary to dynamic recovery, as in an 
A1-5Mg-0.8Mn alloy [14]. It is, however, worth not- 
ing the ductility of an aluminium alloy is dependent 
not only upon restoration mechanisms but also upon 
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fracture mechanisms. In the present alloy, fracture 
initiates by the cracking of block-like silicon crystals 
and the decohesion between the aluminium and dis- 
persed-phase particles (silicon crystals and nickel- 
containing dispersoids) [213, which are enhanced by 
deformation at a higher rate. Note that the total 
volume fraction of the dispersed-phase particles with 
various sizes in the aluminium matrix of the material 
is nearly 30%, which gives a very high interfacial area 
and an easy path to the linkage of micro-cracks. If an 
increased density of recrystallization nuclei, resulting 
from deformation at a higher strain rate, could not 
cope with the enhanced decohesion, the material 
would fail at an earlier stage of deformation, even 
during the softening before reaching the steady-state 
deformation, as indeed observed in the present 
experiments (see Fig. la). 

3 . 2 .  S t r a i n  rate  s e n s i t i v i t y  
Fig. 3 shows plots of the peak torque against strain 
rate to derive the strain rate sensitivity, as defined by 
Equation 3, of the material: m = 0.13 at 375 ~ 0.20 at 
400 ~ and 0.24 at 425 ~ These m values are apparen- 
tly very high in comparison with those of various 
grades of conventional aluminium alloys (m 
= 0.026-0.227 at 300-500~ [22], but in good 

agreement with those determined by using tensile, 
extrusion and compressive tests on other hypereutec- 
tic A1-Si-based alloys produced by powder metallurgy 
[4, 6, 7]. The high m values mean that the material can 
be strain-rate hardened. A practical implication of this 
result is that a reduction in deformation rate (for 
example, ram speed in extrusion) can considerably 
reduce the flow stress of the material so that a reduced 
temperature or an increased strain can be applied. As 
a high deformation rate is usually desirable in com- 
mercial production for economic reasons, an adjust- 
ment of process parameters (temperature, strain, and 
strain rate) is necessary in deforming the present ma- 
terial, being different from conventional aluminium 
alloys which are much less strain-rate sensitive. The 

definite relationships between the m values and the 
structure of the material are at present uncertain, and 
thus a satisfactory explanation of the high m values is 
difficult to give. Nevertheless, one of the causes may be 
the presence of a high volume fraction of silicon 
crystal phase (nearly 20%) in the material, which has a 
linear thermal expansion coefficient about one-eighth 
of aluminium, thereby imposing stresses on the neigh- 
bouring aluminium matrix when the material is hea- 
ted up to the testing temperatures. It has been experi- 
mentally observed that the imposed random internal 
stresses would assist the plastic flow of the aluminium 
matrix and lead to a low stress exponent and a high 
strain rate sensitivity, particularly when applied stres- 
ses are low [23]. The enhancement of the m value may 
be due to an increase of the resistance to instability of 
metal flow, resulting from the pre-existing stresses, if 
the m value is regarded as a measure of the capacity of 
a material to resist plastic instability [24]. This obser- 
vation has been utilized as a principle to enhance the 
m value of an aluminium alloy and to obtain super- 
plasticity by adding silicon carbide whiskers and 
exercising thermal cycles. Therefore, the stresses im- 
posed by the silicon crystals are likely to be relevant to 
the high m values of the material, as consistently found 
in other A1-Si alloys [4, 6, 7, 25]. The other possible 
causes for the high m values will be discussed below at 
some length. 

In unravelling the complicated nature of the m 
value, it may be more convenient to consider the 
steady-state deformation involving a single restora- 
tion mechanism, for which the correlations among 
microstructural parameters, mechanical properties 
and deformation conditions are relatively well estab- 
lished. For the present alloy, though localized dy- 
namic recrystallization occurred during deformation, 
dynamic recovery might still be regarded as the major 
restoration mechanism, which is mainly governed by 
vacancy movement under applied stresses. To con- 
sider the steady-state deformation, the m values at the 
strain e = 0.5 were determined in the way analogous 
to Fig. 3, because the strain rate sensitivity is a 
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function of strain in addition to temperature and 
strain rate. The m values of 0.11 at 375~ 0.16 at 
400 ~ and 0.18 at 425 ~ were obtained. It is appar- 
ent that, though being generally lower than the m- 
values determined at the stress peak, the m values at 

= 0.5 (which is in or near the steady state of defor- 
mation) remain high as compared with those of 
conventional aluminium alloys [22] and have the 
same trend to the variation of temperature as that of 
the m values determined at the stress peak. It is 
generally accepted that, in the steady-state deforma- 
tion controlled by atomic diffusion, the strain rate 8, 
and stress, or, obey the following semi-empirical rela- 
tionship [25] 

= (AGb/kT)(b/d)P(cy/G)"D (5) 

in which A is a dimensionless constant, G the shear 
modulus, b the Burgers vector, k the Boltzmann con- 
stant, T the absolute temperature, d the grain size, p 
the grain size exponent, n the stress exponent ( = 1/m), 
and D the diffusion coefficient given by 

D = D o e x p ( -  A H / R T )  (6) 

where D O is a frequency factor, AH the activation 
energy, and R the universal gas constant. We may 
reform Equation 5 and combine it with Equation 6, 
leading to 

m = (lnG - lncy)/(lnK + ln D o + lnG 

- A H / R T -  l n i  - l n T -  plnd)  (7) 

in which K is a new constant combining A, b 1 +p and k. 
From Equation 7, it can be seen that the m value is a 
complicated function of both material properties and 
deformation conditions. As far as the material proper- 
ties are concerned, the m values are predominantly 
determined by the activation energy, AH, and also 
affected by the shear modulus, G. For the present 
alloy, the major recovery mechanisms, dislocation 
cross-slip and climb, are restricted by a high volume 
fraction of multi-phase particles, as additional barriers 
to metal flow so that the other mechanisms such as 
pinning and unpinning must be operative, which are 
stress assisted and thermally activated. The activation 
energy, AH, which reflects the overall barriers over 
which dislocations can move, must be higher than that 
of pure aluminium, as indeed found and will be given 
later. Moreover, it has been reported that the present 
alloy has a relatively high shear modulus which is 
approximately one-third the Young's modulus 
(99 000 MPa) [26]. The combined effect of the high 
activation energy and shear modulus in Equation 7 is, 
therefore, considered to be largely responsible for the 
high m values of the material. 

Based on the high m values of a hypereutectic A1-Si 
based alloy produced by powder metallurgy, shown in 
compressive tests, a possibility of superplasticity was 
suggested [7]. The present results, however, seem to 
rule out this possibility, although the obtained m 
values indeed approach those of superplastic alloys. 
As presented earlier, the ductility of the material in the 
torsion tests is consistently low (the highest equivalent 
strain to fracture is only about 2.5 at 450~ and 
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0.083 s- 1, as given in Fig. 2, and also note the differ- 
ence in achievable ductility between torsional and 
tensile deformation). The low ductility is probably due 
to the cracking of the dispersed-phase particles and 
the interfacial decohesion, which act as the major 
fracture mechanisms [21] and accelerate the failure of 
the material. The present results appear to give an 
example that a high strain rate sensitivity is not neces- 
sarily associated with a high ductility. 

Another interesting feature of the m values of the 
present material is their very strong temperature de- 
pendence. The results show that to double the peak 
stress of the material requires an increase of strain rate 
by 18 times at 425 ~ (m = 0.24) but by 207 times at 
375 ~ (m = 0.13). In other words, the stress of the 
material can be more effectively reduced by lowering 
the deformation rate at a higher temperature. A sim- 
ilarly strong m value dependency on temperature has 
also been reported in A1-Fe and A1-Fe-Co alloys 
[27]. Over the usual temperature range used for hot 
working of aluminium alloys (above T m -= 0.55 where 
T~ is the homologous temperature, K), an increase of 
m value with a rise of temperature is a common 
observation, but clear explanations cannot be found in 
the literature currently available. Because Equation 5 
appears to link the material properties with deforma- 
tion conditions, the explanation of the large m value 
variation with temperature was attempted to resort to 
this equation, which is at present most commonly 
used in deformation of metals. It can be seen from 
Equation 7, reformed from Equation 5, that only the 
variation of the flow stress is in favour of the desired 
explanation of the m value increase over 375-425 ~ 
while the terms in the denominator are essentially 
unaffected by the small temperature change. Although 
it has indeed been found that the flow stress of the 
present alloy decreases greatly with rising temper- 
ature, this decrease cannot possibly cause the m value 
to increase from 0.13 to 0.24 (determined at the stress 
peak) or from 0.11 to 0.18 (determined at a = 0.5) in 
view of Equation 7. In other words, the obtained 
experimental data fail to be correlated to Equation 5. 
This suggests that some additional factors, pertinent 
to temperature, stress and strain rate, should be in- 
cluded in Equation 5, to make it applicable to the 
deformation of the technical alloy, although this will 
further Complicate the picture. The following factors 
may be taken into consideration: (i) volume fraction 
and size of second-phase particles, which directly af- 
fect flow stress and Structure developed during defor- 
mation; (ii) size of suSgrains, which is influenced by 
deformation temperature and varies linearly with the 
reciprocal o/G; (iii) dislocation density, which is parti- 
cularly important for the present alloy in which the 
degree of dynamic recovery is temperature dependent; 
and (iv) internal stresses, which are imposed by the 
second-phase particles. Among these factors, the first 
factor seems to be indispensable in view of the effect of 
particles on dislocation motion, which is virtually 
absent in pure aluminium with its insensitivity of m 
value to temperature. Basically, strain rate is depend- 
ent upon the velocity of dislocations and the latter is, 
in turn, affected by pinning. At a higher temperature, 



move recovery mechanisms such as node unpinning 
are operative and thus a higher strain rate sensitivity 
can be expected. This may partly account for the high 
m value sensitivity to temperature, as consistently 
found in dispersion-strengthened aluminium alloys 
[27]. The presence of second-phase particles is also 
related to the above-mentioned second and third fac- 
tors, which results in a strong dependence of the 
degree of dynamic recovery upon temperature. It has 
been found in an A1-Mg alloy that this enhanced 
dependence is associated with the high m value sensi- 
tivity to temperature [28]. The fourth factor appears 
to be unique for the present alloy with a high volume 
fraction of silicon crystals, As discussed earlier, the 
internal stresses, arising from the difference in thermal 
expansion coefficient between the silicon crystals and 
aluminium matrix, reduce the effective stress to drive 
dislocations. At a higher temperature, the difference 
between the internal stresses and the applied stress is 
smaller, which leads to a higher strain-rate sensitivity 
[29]. 

3.3. Dependence of stress on temperature 
and strain rate 

With the m values, it was possible to calculate the peak 
stress of the material at different temperatures and 
strain rates, by using Equation 1, in which the work- 
hardening exponent, N, was assumed to be zero, as 
customarily done for hot-working aluminium alloys. 
It was observed that the material exhibited a regular 
decrease in the stress with the rise in temperature, as 
shown in Fig. 4. This suggests that there were no 
structural changes occurring over the temperature 
range, which were capable of specially affecting the 
peak stress of the material. It was also noted that 
temperature had an extraordinarily strong influence 
on the peak stress as compared with conventional 
aluminium alloys like AA2024 and AA7075 [10]. An 
important indication obtained from this result is that, 
for easy forming, an increase in temperature can sub- 
stantially lower the flow stress of the materia and thus 
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the external force requirement for deformation, pro- 
vided that it is metallurgically allowed. This strong 
influence is typical of dispersion-strengthened alumi- 
nium alloys which contain dispersed particles pinning 
dislocations [27, 30]. In the present alloy, the silicon 
crystals and three nickel-containing dispersoids [8] do 
not shear at the testing temperatures and thus the 
motion of dislocations must occur through by-passing 
these internal particles by the Orowan mechanism 
that is thermally activated and stress-assisted. At a low 
temperature, dislocations have difficulty in by-passing 
them, so that the material has an enhanced resistance 
to deformation. The result obtained also indicates that 
at 375 ~ the material has a peak strength of 152 MPa 
at the lowest strain rate, which satisfactorily meets its 
hot-strength requirements for use in automotive en- 
gines and compressors. Additionally, the observed 
strong influence of temperature on the peak stress 
explains the softening beyond the stress peak, which is 
partly caused by a temperature rise, as discussed 
earlier. This influence is also responsible for a high 
activation energy for deformation, which will be 
shown later. 

Strain rate is another important deformation vari- 
able that influences the flow behaviour of a material. It 
is generally accepted that the deformation behaviour 
of an aluminium alloy in hot working is similar to that 
in creep and the correlations between stress, cr, and 
strain rate, ~, can be described by 

or  

= AzcY" (for low stress) (8) 

= 42 exp(13cr) (for high stress) (9) 

= A 3 [sinh(~cy)]"' (10) 

where A 1, A2 and A3 are temperature-dependent con- 
stants, and ~, 13, n and n' material constants. It was 
found that the hyperbolic sine Equation 10 gave the 
most satisfactory fit to the data presently obtained, 
and was therefore taken as the basic formula for a 
constitutive equation suitable for use at various tem- 
peratures. To satisfy the requirements that ~ and n' in 
Equation 10 are independent of temperature over the 
experimental range, an attempt was made to plot the 
logarithmic strain rate against In sinh(~o) at the tem- 
peratures of 375, 400 and 425 ~ (for which the peak 
stress was again used). The best fit to the parallel 
straight lines was obtained with the constitutive con- 
stants: ~ = 0.015 MPa -1 and n' = 2.46, see Fig. 5. The 
linearity in Fig. 5 confirms the validity of Equation 10 
empirically describing the relationship between the 
peak stress and strain rate at a constant temperature. 

To establish a constitutive equation, it is necessary 
to include a temperature factor. For this, the peak 
stress was first plotted against the reciprocal absolute 
temperature, which is shown in Fig. 6. The apparent 
linearity at the different strain rates suggests the in- 
corporation of an Arrhenius energy term in Equation 
10, leading to 

= A'[s inh(~cy)]"exp(-  AH/RT) (11) 

where A' is a temperature-independent constant. 
Obviously, to utilize this constitutive equation, it is 
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necessary to define the activation energy for deforma- 
tion, AH, which can, in theory, be obtained by plotting 
ln i  against the reciprocal temperature at a constant 
flow stress. The slope of the plot is then proportional 
to AH, namely 

,XH = - R(81n~/Sr-1)o  (12) 

However, in torsion tests, it was difficult to satisfy the 
requirement of Equation 12, because a constant flow 
stress over a range of strain rates was not obtainable. 
We alternatively rewrote Equation 11 as 

lnsinh(~c0 = 1/n'(- lnA' + lng + AH/RT) 

(13) 

With this equation, an average AH value of 
233kJmol  -a was derived from the plots shown in 
Fig. 7 in which the peak stress was used, and so was an 
average lnA' value of 37.3. From Equation 13, it is 
clear that the AH value is proportional to the slope of 

4254 

the In sinh(~o) T-1 plot, and is thus determined by 
the variation of the flow stress with temperature. As 
shown earlier, the material is much stronger at a lower 
temperature, and thus the slope and AH value must be 
high. Indeed, the AH value of the present alloy ob- 
tained from the peak stress is much higher than that of 
commercial-purity aluminium (155kJmo1-1) [31] 
which is close to the activation energy for self-diffusion 
of aluminium (126-142 kJ mo1-1) [32]. In the litera- 
ture, a very wide variation from 116-285 kJ tool-1 [28, 
30, 33-35] has been reported on the activation energy 
values of various grades of aluminium alloys in differ- 
ing states, but no satisfactory explanations of their 
variation have ever been given, primarily because of 
their complexity. It is, nevertheless, widely accepted 
that the AH value basically reflects the energy barriers 
over which deformation can take place. For pure 
aluminium, the AH value is an indicator of the energy 
barriers for self-diffusion, which largely governs dis- 
location motion. For aluminium alloys, the AH value 
is affected by solute concentrations in a complicated 
way, which usually, but not necessarily, act as addi- 
tional barriers to the free motion of dislocations [36]. 
For the present heavily alloyed material, a part of the 
silicon and magnesium added could be resolved in the 
aluminium matrix at the testing temperatures, which 
might decrease the stacking fault energy of the matrix, 
increase the stacking fault width and thus enhance the 
energy for cross-slip of screw dislocations [37]. The 
resolution is, however, unlikely to influence the activa- 
tion energy of the alloy to such a great extent, because 
a reverse effect is also created by the atomic misfits 
between the solutes and aluminium matrix, which 
generate additional vacancies to promote dislocation 
climb proceeding by a diffusion mechanism. Another 
factor is the dispersion of second-phase particles. For 
an AI-Si binary alloy (AI-13Si), the AH values of 
132-139 kJ tool -1 at the stresses of 4-7 MPa have 
been reported [25]. For an A1-20Si-3Cu-lMg 
quaternary alloy, the AH values of 145-163 kJ mol-  
at the stresses of 80-90 MPa have been determined 



using tensile tests [4]. For the present quinary alloy, a 
AH value of 233 kJ mol-1 has been obtained at the 
stresses of 40-238 MPa. These results indicate that, 
with the increasing complexity in alloying and the 
accompanied increase in the volume fraction of sec- 
ond-phase particles, the activation energy indeed 
deviates gradually from that for aluminium self-diffu- 
sion which governs the climb of edge dislocations. 
Such a deviation is understandable, if the interactions 
between the particles and dislocations are taken into 
consideration. For the present alloy, silicon crystals 
and three kinds of nickel-containing dispersoids, near- 
ly insoluble upon heating to the testing temperatures 
[8], are present, acting as obstacles to the cross-slip 
and climb of dislocations. To by-pass these obstacles, 
additional energy is required to close extended disloc- 
ations and then allow them to leave their original glide 
planes, which will undoubtedly increase the AH value. 
An additional factor is that a different softening mode 
other than dynamic recovery, dynamic recrystalliz- 
ation, is involved in the deformation, which proceeds 
by grain-boundary movement instead of vacancy 
movement. It has been stated that when dynamic 
recrystallization participates in deformation, an in- 
crease of the AH value by 20% can be expected [14]. 
The combined effect of the factors, discussed above, 
would result in the presently derived AH value of the 
material. 

So far, we have established a constitutive equation 
for the deformation of the alloy 

= 1.58 x 1016[sinh(0.015c0] T M  

exp[ - 233 000/(8.314T)] (14) 

Although the exact physical significance of each con- 
stitutive constant in Equation 11 is rather vague, it 
is interesting to compare the obtained values in 
Equation 14 with those of commercial-purity 
aluminium (A' = 2.35 x 101~ s- 1, ~ = 0.03 M P a -  1, 
and n' = 4-4.2 [31]) and with those of various grades 
of conventional aluminium alloys (A' = 3.45 x 108-3.8 
x 1011 s- 1, ~ = 0.012-0.037 M P a -  1, and n' 
= 2.22-5.3 [38, 39]). If A' is regarded as a frequency 

factor (proportional to the density of activateable 
sites) [40], the higher value of the present alloy reflects 
that more dislocations overcome obstacles to move in 
unit time. If ~ is a measure of activation volume [19], 
the lower value of the present alloy suggests a smaller 
volume of material participating in a single deforma- 
tion event, resulting from the restriction by the par- 
ticles resisting deformation. And if n' is associated with 
climb-controlled processes, irrespective of dispersed 
particles, the lower value of the present alloy indicates 
the existence of viscous drag of solute atmospheres in 
the material during deformation [28]. 

As the constitutive Equation 14 was graphically 
determined, errors would be entailed in the procedure. 
To check this equation, all the data obtained over 
the range of temperatures and strain rates were 
correlated to it. For this, we expressed Equation 11 
as the temperature-compensated strain rate, or 
Zener-Hollomon parameter, Z 

Z = ~exp (AH/RT)  = A[sinh(~cy)]"' (15) 
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A single linear relationship between In i exp(AH/RT)  
and ln[sinh(~cy)] was obtained, as shown in Fig. 8. It 
demonstrates that the constitutive constants, derived 
from Figs 5 and 7, are not significantly in error (the 
correlation coefficient for the linear relationship being 
0.993). Fig. 8 also verifies that the temperature- 
compensated strain rate, Z, is applicable to the 
description of the material properties in relation 
to deformation conditions. This verification is of great 
significance for the control of a metal-forming process 
of the material with the Z parameter. 

3.4. Microstructural development during 
deformation 

3.4.1. Low strain rate (0.083 s - l )  
In the current work, microstructural examination was 
first carried out on the material in the course of 
deformation at 400~ and 0.083 s- l :  in the work- 
hardening regime, at the stress peak, and in the steady- 
state regime, where deformation was ceased and the 
as-deformed specimens were water quenched. Fig. 9 
shows transmission electron micrographs taken from 
the material strained to e = 0.068, which is in the 
work-hardening regime and at about 50% of the 
strain to the stress peak. It was observed that at this 
stage the principal development ofmicrostructure was 
multiplication of dislocations and formation of sub- 
grains. This development was, however, considerably 
affected by the existence of massive particles with 
various sizes in the material (silicon crystals and 
nickel-containing dispersoids). In most of the regions, 
a cellular structure formed by dislocation networks 
was observed, as typically shown in Figl %. At this 
stage the rate of dislocation generation was far in 
excess of annihilation. Dislocation density was parti- 
cularly high in the vicinities of particles, where newly 
generated dislocations encountered difficulties in 
moving to compose ordered arrays as cell walls and 
subgrain boundaries. In the regions less populated 
with particles, the formation of the subgrains was in 
progress (see Fig. 9b). The developing subgrains con- 
tained a high density of dislocations. The subgrain 
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Figure 9 Microstructures developed at the temperature of 400 ~ 
surface equivalent strain rate of 0.083 s -1 and strain of 0.068: 
(a) worked structure, and (b) developing subgrain structure. 

boundaries were composed of loose dislocation ar- 
rays, many of which interacted with particles (Fig. 9b). 
It appeared that the formation of the subgrain bound- 
aries by integrating the loose, orderly dislocation ar- 
rays was retarded. The existence of the dislocations in 
undeveloped/developing subgrains indicates that the 
dynamic recovery was not prevalent, leading to the 
continuation of work-hardening. Dynamically recrys- 
tallized grains were not observed, as expected at this 
stage of deformation. 

After deformation to the strain of ~ -- 0.136, being 
approximately at the stress peak, grains were elonga- 
ted to a great extent, within which ill-defined equiaxed 
subgrains were developed (Fig. 10a). This is an im- 
portant  feature of the microstructure having evolved 
at this stage. Many of the subgrains contained a large 
number  of dislocations, their sizes appeared to be 
independent of the interspacing of particles, and their 
boundaries were not at all clear. This indicates that 
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Figure 10 Microstructures developed at the temperature of 400 ~ 
surface equivalent strain rate of 0.083s -1 and strain of 0.136: 
(a) elongated grain structure with subgrains; (b) equiaxed grain; 
(c) duplex structure. 



although the strain rate was low, the dynamic re- 
covery only proceeded to a limited extent, which en- 
couraged dynamic recrystallization to occur. In the 
regions populated with fine particles, the nucleation of 
recrystallized grains was suppressed. Only in the 
particle-depleted regions, were equiaxed grains 
observed, as illustrated in Fig. 10b. As these grains 
contained an ill-defined substructure, they probably 
formed and grew before the ceasing of the deforma- 
tion. The present observation appears to confirm a 
previous finding that dynamic recrystallization starts 
before the attainment of the stress peak [41]. As a 
consequence of the occurrence of recrystallization, a 
duplex microstructure, consisting of heavily worked 
grains and equiaxed new grains, was observed in some 
regions, as shown in Fig. 10c. In general, the volume 
fraction of this kind of recrystallized grains in the field 
examined was very low. At this strain rate, the temper- 
ature rise might be negligible. Coarsening of the consti- 
tuent phases, which has been considered as the third 
possible effect causing the observed softening over the 
stress peak, was not visible, probably due to the exist- 
ence of a spectrum of sizes of the multi-phase particles. 
The softening beyond the stress peak may thus be 
attributed largely to the occurrence of recrystalliza- 
tion. The low volume fraction of recrystallized grains 
is in agreement with the small degree of softening 
under this deformation condition, see Fig. la. 

During the steady-state deformation (at the strain 
= 0.45), the balance between dynamic recovery and 

work hardening mainly governed the flow behaviour 
of the material. The balanced dislocation density was 
found to be dependent upon local particle density in 
the subgrains. In the regions with fewer particles, 
dislocation density in the subgrains was relatively low, 
which indicates that generated dislocations were anni- 
hilated by joining relatively stable dislocation arrays 
such as subgrain and grain boundaries. In the regions 
with many particles, the regularity of the subgrains 
was low and internal dislocation density remained 
high, as typically shown in Fig. 1 la. At this stage, the 
recrystallized grains were subjected to continuing de- 
formation, and therefore the overall microstructure 
had a worked appearance. A few newly formed, grow- 
ing recrystallized grains contained irregular disloc- 
ations, as can be seen in Fig. 1 lb. It is therefore clear 
that at the low strain rate, the principal processes 
occurring in the material, accompanying external de- 
formation, were dislocation generation and subgrain 
formation, which eventually led to a balance between 
work-hardening and softening, while dynamic recrys- 
tallization occurred only to a limited extent, which 
corresponds well with the shape of the stress-strain 
curve exhibited by the material under the given 
condition. 

3,4.2, High strain rate (2.49s -1) 
The microstructural development at 400~ and the 
strain rate of 2.49 s- t  (which is 30 times as high as that 
discussed above) is of more interest, because this con- 
dition is more in agreement with that encountered in 
real metal forming. Owing to the brittleness of the 

Figure 11 Microstructures developed at the temperature of 400 ~ 
surface equivalent strain rate of 0.083 s -1 and strain of 0.45: 
(a) worked structure; (b) growth of a new grain with new 
dislocations. 

material, the steady-state deformation was not at- 
tainable under this condition. And, owing to the very 
high twist speed (5.5 rev s-1), it was extremely difficult 
to interrupt the deformation exactly at the stress peak. 
Discussed below are the microstructures developed in 
deformation to the strains around the stress peak. 

Deformation to the strain ~ = 0.086, which is in the 
work-hardening regime but very close to the stress 
peak, brought about the elongation of grains and 
formation of subgrains (Fig. 12a). The completion of 
the subgrain formation was again retarded by the 
particles. Fig. 12b clearly illustrates the residence of 
particles at 120 ~ triple junctions of the subgrains. Low 
contrast suggests small misorientations between 
neighbouring subgrains. At this stage of deformation, 
the subgrain boundaries were still rather jagged, being 
composed of loose dislocation arrays, indicating that 
perfection of a subgrain structure was difficult to 
attain. As a result of the interactions between disloc- 
ations and particles, most of the subgrains were not 
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Figure 12 Microstructures developed at the temperature of 400 ~ 
surface equivalent strain rate of 2.49 s -1 and strain of 0.086: 
(a) general structure; (b) interaction between particles and subgrain 
boundaries; (c) outcrop of recrystallization at a particle. 
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well defined, not as regular as shown in Fig. 12b, but 
outlined by unclear subgrain boundaries. At this 
strain rate, the rate of dislocation generation was very 
high and could not be efficiently balanced with that of 
dynamic recovery and thus led to a very high degree of 
work hardening. The imbalance in strain-energy gen- 
eration and relief provided a favourable condition for 
dynamic recrystallization to occur. 

The evidence of dynamic recrystallization has been 
shown in the microstructure worked at the low strain 
rate. Of interest is the initiation of dynamic recrystal- 
lization during the deformation prior to the stress 
peak, which is of great importance in determining the 
nucleation mechanism. In the aluminium alloy 
(A1-5Mg-0.8Mn) containing A16Mn particles and 
having been torsion tested, equiaxed grains were ob- 
served but their nucleation sites could not be found. 
This was also the case for other materials like copper, 
stainless steel and nickel [14, 42]. However, it is 
known that dynamic recrystallization can be stimu- 
lated in the vicinities of particles with a relatively large 
size (usually larger than 1 lain for a deformed alumi- 
nium alloy during annealing) [43], due to local strain 
concentrations. Fig. 12c shows an example of the 
microstructure close to a particle with a size of 0.5 Ixm 
(smaller than the usual critical size for the static an- 
nealing process) in the deformed material. High-angle 
misorientation, as indicated by sharp contrast, sug- 
gests that this is an outcrop of a recrystallized grain, 
behind whose boundary a dislocation-free zone is 
growing into its deformed surroundings. Considering 
the high quenching capacity of the torsion machine 
used, it can be concluded that this grain was dynam- 
ically formed just before the deformation was inter- 
rupted, The observation of the recrystallization nucle- 
ation in the material worked at this stage again con- 
firms that dynamic recrystallization starts at a strain 
lower than that to the stress peak [41]. This micro- 
graph gives evidence not only that dynamic recrystal- 
lization is indeed stimulated by the particles, but also 
that the critical size of the particles which are capable 
of stimulating recrystallization, is shifted to a smaller 
value in the dynamic process with a high strain rate. It 
should be pointed out that the shift of the critical size 
for stimulating recrystallization does not mean that 
dynamic recrystallization must be initiated at all the 
particles larger than this size. On the contrary, the 
observed new grains were far fewer in number than 
these particles. The reason is that the initiation of 
recrystallization was effectively retarded by the finer 
particles surrounding the large ones. 

Further deformation to the strain e = 0.19, which is 
beyond the stress peak, did not produce a large differ- 
ence in the microstructure of worked grains. Most of 
them contained an irregular substructure. Fig. 13a 
represents the general microstructure of the material 
worked at this stage. However, in the vicinity of the 
occasionally found original powder particle bound- 
aries, retained in the material processed from the air- 
atomized powder, the irregularity was substantially 
lessened, appearing as a region with uniform disloca- 
tion networks, as shown in Fig. 13b. It is highly likely 
that in the vicinity of the boundary, recrystallization 



worked under this condition failed during softening 
before attaining the steady-state deformation, the 
cracking of large dispersed-phase particles and initia- 
tion of the decohesion at the interfaces between the 
large dispersed-phase particles and aluminium matrix, 
both of which would result in a stress relief, may also 
be responsible. Additionally, at the high strain rate, a 
temperature rise would be another contributor to the 
softening. 

Figure 13 Microstructures developed at the temperature O f 400 ~ 
surface equivalent strain rate of 2.49s -1 and strain of 0.19: 
(a) worked structure; (b) structure near a retained original powder 
particle boundary. 

occurred, thereby sweeping off the irregular disloca- 
tion tangles generated before the stress peak was 
attained. Hence, the image shown in Fig. 13b is likely 
a rebuilt microstructure. This is understandable be- 
cause, to maintain structural continuity during defor- 
mation, the internal boundaries are the sites of strain 
concentrations and nucleation of new grains. More- 
over, evidence of dynamic recrystallization near the 
original powder particle boundaries has also been 
found in the as-extruded material [-8]. 

In general, there was much evidence that dynamic 
recrystallization was involved in the softening of the 
material and the volume fraction of the recrystallized 
grains was increased when compared with that in the 
material deformed at a lower strain rate. But its 
volume fraction was still low, making it difficult to 
believe that a low volume fraction of dynamic 
recrystallization alone could produce the large degree 
of softening, as shown in Fig. la. As the material 

4. Conclusions 
1. The hot-working behaviour of the 

AI-20Si-7.5Ni-3Cu 1Mg alloy differed from that of 
conventional aluminium alloys by exhibiting a distinct 
stress peak in the stress-strain curves during torsional 
deformation. The stress peak appears to be caused by 
a combination of several effects, mainly by local dy- 
namic recrystallization. 

2. The ductility of the material was generally very 
low in comparison with conventional aluminium 
alloys, particularly at low temperatures and high 
strain rates. Special caution should, therefore, be 
taken in choosing deformation conditions to prevent 
cracking during deformation. 

3. A high strain rate sensitivity, m, of the material 
was found. A constitutive Equation 7 for steady-state 
deformation has been used to explain the finding, 
which shows that the high m values are mainly associ- 
ated with a high activation energy for deformation. As 
the stress of the material is much more deformation 
rate dependent than that of conventional aluminium 
alloys, attention should be paid to the adjustment of 
deformation parameters to be applied. 

4. The m value of the material was shown to vary 
greatly with temperature, which Could not be ex- 
plained with Equation 7. This suggests that additional 
factors specific to technical alloys should be con- 
sidered, such as parameters of second-phase particles 
whose influence on dislocation velocity (deformation 
rate) is temperature dependent. The increase of m with 
temperature indicates that it is more effective to re- 
duce the stress by lowering deformation rate at a 
higher temperature, 

5. Temperature had a profound effect on the stress 
of the material. This effect, together with that of strain 
rate, has been described with a hyperbolic sine consti- 
tutive equation with constitutive constants different 
from those of conventional aluminium alloys. The 
activation energy for deformation was found to be 
much higher than that of pure aluminium, probably 
arising from a high volume fraction of multi-phase 
particles as additional barriers to metal flow. 

6. At 400~ and 0.083 s -1, deformation mainly 
proceeded by the interaction between work hardening 
and softening by dynamic recovery. However, dynam- 
ically recrystallized grains were also found in the 
material strained to the stress peak, which confirms 
the role of recrystallization in resulting in the softening 
following the stress peak. 

7. An increased strain rate of 2.49 s- 1 promoted the 
nucleation of recrystallization in the vicinity of dis- 
persed particles with sizes smaller than 1 l.tm. But the 
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volume fraction of recrystallized grains remained low, 
which suggests that other effects also played roles in 
leading to the large softening beyond the stress peak. 
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